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On the nucleation of & and T, on Al;Zr
precipitates in Al-Li—-Cu-Zr alloys

J. M. GALBRAITH, M. H. TOSTEN, P. R. HOWELL
Department of Materials Science and Engineering, The Pennsylvania State University,

University Park, Pennsylvania 16802, USA

Two quaternary Al-Li—Cu-Zr alloys have been investigated using electron microscopy.
Ageing at 190° C resulted in the nucleation of 8’ precipitates on the Al;Zr/matrix interface in
addition to heterogeneous nucleation on matrix dislocations. In the majority of cases, the
broad, coherent face of the 8’ plates was in contact with the Al;Zr precipitates. Similar
evidence showed that nucleation of T, precipitates occurred on the Al Zr, but to a lesser
extent than 6. Solid—solid nucleation theory has been used to account for the Al,Zr acting as

a nucleation substrate,

1. Introduction
The aluminium—lithium system has been the subject
of a considerable amount of research [1, 2] because of
its obvious applications to aerospace structures. The
addition of lithium to aluminium results in a sub-
stantial reduction of density and an increase in elas-
tic modulus when compared with conventional alu-
minium alloys. The current trend in alloy development
is directed towards the development of Al-Li—Cu
and Al-Li—Cu—Mg alloys because strength levels can
approach that of 7075-T651, but with both lower
density and higher modulus [3].

Precipitation in the Al-Li—Cu system has been
studied extensively and is believed to occur as follows
[1, 2]

a-supersaturated solid solution - GP zones — 8" —
0 — 0 (ALCu)

— & (ALLi) — & (AILi)
~ T, (AL,CuLi)

Excluding the ternary T, phase, the decomposition
process is similar to those that occur in Al-Li and
Al-Cu binary alloys. There is some debate as to the
existence of the ternary T; metastable phase and the
Ty equilibrium phase; their possible existence is still
under investigation.

It has been reported that small additions of zir-
conium to high strength aluminium alloys retards
recrystallization and controls grain growth, as well as
improves toughness, stress corrosion resistance and
quench sensitivity [4, 5]. The principle purpose of
adding zirconium to Al-Li—Cu alloys is to form
metastable cubic Al,Zr precipitates which can effec-
tively pin grain and subgrain boundaries. Cubic Al,Zr
(from now on referred to as p’) has a L1, structure
witha = 0.408 nm. In Al-Zr subperitectic alloys (less
than 0.18wt% Zr), B’ is spherical, nucleating
heterogeneously on dislocations and boundaries [4].
Depending on the temperature of the pre-age heat
treatment for Al-Li—Zr alloys, #/ has been found

0022-2461/87 $03.00 + .12 © 1987 Chapman and Hall Ltd.

to be semi-coherent or coherent with the matrix. At
pre-ageing temperatures above 500° C, §’ forms semi-
coherently, while coherent ' forms at temperatures
below 500° C [6].

Several investigators have shown that &’ precipi-
tates on the f’/matrix interface resulting in a spherical
shell of ¢’ around the §’ precipitates [6—9]. The pur-
pose of this paper is to show that §” also serves as a
nucleation substrate for § and T,.

It is well established that interphase boundary’
precipitation is an important process in solid—solid
nucleation kinetics. It occurs during the bainite reac-
tion in ferrous [10] and non-ferrous [11] systems and
during the formation of a sequence of precipitate
phases in alloys undergoing ageing reactions [12].
Heterogeneous nucleation was originally treated by
Gibbs [13] for liquids and more recently examined for
solids both in the presence and in the absence of facets
[14]. It is suggested that the critical nucleus in a solid—
solid transformation is likely to be faceted whenever
there exists reasonable similarity between the lattices
of the precipitate and the matrix. Lattice matching at
the facets has been studied in some detail for the
special case of precipitate nucleation at a matrix/GP
zone boundary [15]. This phenomenon has been
observed in a number of aluminium alloys including
Al-Zn, Al-Cu, Al-Zn-Mg, and Al-Mg-Si
[16—-24].

2. Experimental details

The alloys used in this investigation were supplied by
the Alloy Technology Division, Alcoa Center, PA and
bad the following compositions (wt %)

Al-1.0% Li-4.5% Cu-0.12% Zr
Al-2.0% Li-3.0% Cu-0.12% Zr

After hot rolling, specimen material was solution
treated at 550°C for 30min, cold water quenched,
deformed 2% in tension and aged at 190° C. Ageing
times of 16 and 128 h were employed for the 1.0%
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TABLE I Phases encountered in the Al-Li—Cu-Zr system at 190°C*

Phase Composition Crystal structure Orientation relationship

o Al Li L1, cube—cube

T, AL, CuLi, icosahedral unknawn

& AL Cu tetragonal 001)s(001),; [100];]/[100],

B AlL4Zr L1, cube—cube

T, AL CuLi hexagonal 0001), I(1E1),; 1 01'0]Tl I[1To],
Ty Al,;Cu,Li cubic (00 1), [1(001),; [1 10}, I[100],

*§’ is not observed in the 1.0% Li—4.5% Cu alloy.

Li—4.5% Cu alloy. Times ranging from 0.5 to 520h
were used for the 2.0% Li—3.0% Cu alloy.

Thin foil specimens for transmission electron
microscopy (TEM) were prepared in a twin-jet elec-
tropolishing unit using 25% nitric acid in methanol.
The solution was cooled to —20°C, and an applied
potential of 12 V was used. After perforation, the foils
were rinsed in ethanol. All TEM was performed using
a Philips EM420T operating at 120kV.

3. Results

Table I lists the compositions, crystal structures and
orientation relationships of the precipitate phases
found in the alloys investigated. (Note that GP zones
and the 6” phase were not observed.) An inhomo-
geneous distribution of B’ precipitates was present
with diameters in the range of 20 to 40nm. These
precipitates had a cube—cube relationship to the
matrix and were coherent as shown by the Ashby—
Brown strain contrast obtained in the strong two-

beam bright field (BF) image of an as quenched
2% Li-3% Cualloy (Fig. 1). It was possible to deter-
mine the misfit between the §’ and the matrix from this
contrast. This misfit ranged from +0.3% to +0.6%.
Further confirmation that these spherical, coherent
precipitates are §° was obtained from energy disper-
sive spectrometry (EDS) analysis which indicated the
presence of zirconium in the precipitate. Similar
evidence has been obtained by Stimson et al. [6],
Makin and Ralph [7], and Gregson and Flower [8]. In
addition, these precipitates were imaged in centred
dark field (CDF) using a 1/2(002)g superlattice
reflection. Fig. 2 is a [1 10] selected area diffraction
pattern (SADP) of a 1.0% Li—4.5% Cu alloy aged for
128 h which clearly shows the presence of superlattice
reflections due to the #’. Superlattice reflections in this
alloy can only be from p’ since the ordered &’ phase is
absent.

Fig. 3a is a BF micrograph of a 1.0% Li-4.5% Cu
alloy aged for 128 h ([1 10] foil orientation). For this

Figure 1 Bright field image of an as quenched 2% Li-3% Cu alloy.
The majority of the p’ (Al;Zr) precipitates exhibit Ashby—Brown
strain field contrast.
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Figure 2 A selected area diffraction pattern ({1 10] foil orientation).
Note the strong 001 and T10 p’ superlattice reflections (1.0%
Li—4.5% Cu alloy aged for 128 h).



Figure 3 Bright field/dark field pair of the 1.0% Li—4.5% Cu alloy aged for 128 h; (a) bright field image; (b) corresponding f'/8" dark field

image. For discussion, see text.

foil normal, one variant of € is upright (arrowed A)
and two variants of T, are upright (arrowed B and C).
Fig. 3b is the CDF corresponding to Fig. 3a. Both
and the upright 6’ variant are imaged since the objec-
tive aperture included reflections at 1/2(0 0 2)g (due to
B and 2/3(002)g (due to the & variant). This CDF
micrograph shows several examples of the broad,
coherent face of the 8" in contact with the §’ (arrowed
D). It is also instructive to note the precipitation of ¢’
on the low angle grain boundary (arrowed E). These
0’ plates have smaller diameters than those within the
grain. In addition, a higher number density of 6§’ pre-
cipitates is present on the low angle grain boundary.
This is a reflection of the high density of lattice dis-
locations which constitute the boundary. A more
detailed discussion of grain boundary precipitation in
Al-Li—Cu alloys is presented in Tosten et al. [9].
Fig. 4a is another BF micrograph of a 1.0% Li—4.5%
Cu alloy aged for 128 h ([1 10} foil orientation), and
Figs 4b, ¢ and d are corresponding CDF images from
the same area. Again, the CDF image formed using
the superlattice reflection at 1/2(002)g (Fig. 4b)
shows nucleation of 8 on f’. Figs 4c and d illustrate
the distribution of the two upright variants of T,
(CDFS formed using 1/2(111)g and 1/2(11 1)g res-
pectively). An interesting observation to note is that
two precipitate species are present on the low angle
grain boundary (arrowed A in Fig. 4a) as shown in
Figs 4b and c. The & plates in Fig. 4b and the T,
plates in Fig. 4c are oriented so that the angle between
the habit plane normal and the local boundary normal
is relatively small while the T, plates in Fig. 4d make

an angle of nearly 90°. These observations suggest that
the orientation variants of both the & and T, phases
that nucleate on low angle grain boundaries minimize
the angle between the local boundary normal and
the low energy habit plane normal. This suggestion
would explain why T, precipitates are absent on the
boundary in the lower portion of Fig. 4c where the
boundary curves in such a way that the local bound-
ary normal and habit plane normal are at a high angle.
Similar observations have been made in other grain
boundary precipitation studies [9, 25-27]. It was also
found that at least two variants of & could nucleate on
the same f§’ precipitate. An example of this is shown in
Figs Sa and b ({1 1 2] foil orientation). In the centre of
these two figures, a single f’ precipitate is associated
with two variants of .

The CDF micrograph in Fig. 6 ([110] foil orien-
tation) is formed using a &’ superlattice reflection in a
2% Li-3% Cu alloy aged for 1.25h. This figure
shows that, in addition to the small spherical §°, &’ is
associated with the f’, and “plates” of § are also
observed. However, close examination shows that
these “plates” are duplex consisting of an inner, dark
imaging core of & together with an outer shell of §°.
This trimodal & distribution develops in the early
stage of ageing and has been noted in a previous study
[9]. Of more importance in this investigation is the
close association of # plates and the two B’ precipi-
tates (arrowed A and B). Fig. 7 was recorded from a
2% Li—3% Cu alloy aged for 1.25h ([00 1] foil nor-
mal). In this case, two orthogonal sets of duplex 6/’
precipitates are imaged (CDF using a & superlattice
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Figure 4 The distribution of the #’, # and T, phases in the 1.0% Li—4.5% Cu alloy aged for 128 h; (a) bright field image; (b) corresponding
B'/0’ dark field image; (c) a corresponding T, dark field micrograph; (d) a further T, dark field image of the area shown in (a).

reflection). The point of interest is that the 8 plates  directions from the point of contact. It is postulated
associated with the B’ (arrowed A and B) have grown  that growth in the other direction in Fig. 7 is inhibited
in only one direction from their point of contact, by the presence of 6’ on the f’. This phenomenon
unlike the situation in Fig. 6 where the & grew in both  also raises the question: can # nucleate on 4’ which
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Figure 5 Bright field/dark field pair of the 1.0% Li—4.5% Cu alloy aged for 128 h; (a) bright field image; (b) corresponding #'/6" dark field
image.

Figure 6 &' CDF image (2% Li—3% Cu alloy aged for 1.25h). Figure 7 & CDF image (2% Li—3% Cu alloy aged for !.25h).
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Figure 8 & CDF image (2% Li—3% Cu alloy aged for 18h).

commonly encapsulates the §’ in this alloy? A possible
occurrence of this is shown in Fig. 8 where the dark
imaging cores of 6’ and f” appear to be separated by
a thin coating of §’ (arrowed). However, this was an
isolated example and may represent the impingement
of a duplex 6’/8’ precipitate with a duplex f'/é’
precipitate. It should also be noted that the /6" inter-
face is not always clearly delineated so that the “thin
&’ coating” observed in Fig. 8 may be an imaging
artefact. In the vast majority of cases, the 6" appeared
to be in direct contact with the f’. Indeed, it is poss-
ible that the presence of & on the f’ could inhibit
nucleation of & on the . This latter contention is
substantiated by the lower occurrence of 6’ nucleation
on f in the 2% Li—3% Cu alloy (which contains 4)
in comparison to the 1.0% Li—4.5% Cu alloy (which
does not contain ¢”).

Although the dominant interaction between 6’ and
B’ involved the broad face of the §" being in contact
with the f’, the edge of the 8’ plates could also be in
contact with the ' as shown in Fig. 9 (arrowed). This
type of interaction was observed most frequently in
the 2% Li—3% Cu alloy. Further discussion of this
phenomenon is presented in Section 4.

Plate-shaped precipitates of T, were also found in
contact with the #’, but the incidence of T, nucleation
against @’ nucleation on §’ was much lower. Fig. 10a
is a BF micrograph ([110] foil orientation) of a
2% Li—3% Cu alloy which had been aged for 30 min;
Fig. 10b is the corresponding CDF image using a
1/2(T'11)g reflection. For this foil normal, two vari-
ants of T, are upright (although only one variant
is shown in these figures). The f’ precipitate in the
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Figure 9 6’ CDF image (2% Li—3% Cu alloy aged for 1.25h).

centre of Fig. 10b has two T, plates associated with it
(arrowed).

Overageing the alloys resulted in the T, precipitate
becoming the dominant matrix phase at the expense of
@ and, to a lesser extent, ’. However, both ¢ and T,
were still observed to be in contact with the f’/matrix
coherent interface.

4. Discussion

Close examination of a large number of micro-
graphs in both alloys showed that nucleation of the ¢
precipitates on the f’/matrix interface occurs fre-
quently. In most cases, the broad, coherent faces of
the 8’ plates were in contact with the f’. Similar
evidence showed the nucleation of T, on the #’, but to
a lesser extent than &’'. Therefore, in the quaternary
Al-Li-Cu-Zr alloys, ' acts as a nucleation sub-
strate, not only for § as described in previous studies,
but also for & and T,. (Similar observations were
made in a 2.6% Li—1.0% Cu alloy which had been
aged for 16 h.) At this point, it should be emphasized
that the results presented in Section 3 cannot be inter-
preted in terms of impingement events between & (or
T,) and B’ since:

1. the occurrence of 6 plates in contact with g’ is
very frequent. For example, in Fig. 4b, virtually every
P’ precipitate is associated with at least one & plate;
and

2. in the vast majority of instances (e.g. see Fig. 4b)
the broad face of the 6’ is in contact with the .

The high occurrence of 8 and T, nucleation on the
B’ /matrix interface can be best described in terms of
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Figure 10 Nucleation of T, on the #’/matrix interface; (a) bright field image. The mottled contrast in the matrix is due to a very fine dispersion

of &’; (b) corresponding T, dark field image.

solid—solid nucleation theory. In the following dis-
cussion, the nucleation of the broad, coherent face of
0 on B will be treated specifically while T, hetero-
geneous nucleation on f’ can be described in a similar
manner.

The occurrence of a specific lattice orientation
relationship between 6 precipitates and the alu-
minium matrix allows the development of planar
facets parailel to the optimally matching (001),/
(00 1), interfaces. Thus, the critical nucleus of & is
likely to be faceted, and these facets will be parallel to
the {100} planes and of the energy cusp type [14].

Considering homogeneous nucleation first, Gibbs
[13] has shown that when the precipitate/matrix
boundary is independent of orientation the shape of
the critical nucleus is a sphere of radius r*. The energy
barrier to nucleation (AG*) is then given by

where 7y, is the specific interfacial free energy of
the critical nucleus, AG, is the volume free energy
change, and the subscripts “h’ and “u” designate
“homogeneous” and “unfaceted”. Johnson ef al.
[14] have shown that if an energy cusp appears at a
specific boundary orientation of a homogeneously
formed nucleus, AG* is given by

AG* = AGH[1 - 2f(9)] @
where f(¢) is defined as
f(@) = (2 — 3cos¢ + cos’¢)/4 €))

and ¢ is the angle between the facet plane and the
spherical boundary tangent at the point where the
facet truncates the sphere (see Fig. 11). In addition,
Gibbs [13] has shown that the ratio AG*/AG, is equal
to the ratio of the volumes of the two different critical
nuclei whose morphologies are based upon the sphere.

Figure 11 A schematic drawing of an equi-
librium 6 nucleus on a #’/matrix interface.
The various interfacial energy terms are: y1
is the torque term associated with the 6'/a

AGr = (16y§,,,n)/(3AG§) €y
1 - [oo1]
. [
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@ ‘ ¥
______ 0 —— -
¥
% %
V '/
\\(p’ d eﬁ
N

facet, ¥§,, is the energy of the &/ facet, y4,,
is the energy of the curved &'/ interface,
Y¢,p is the energy of the curved ¢'/8’ inter-
face, y;- is the torque term associated with
the §’/p’ facet, y5,, is the energy of the &'/’
facet, and v, is the energy of the ofp’
interface.
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Figure 12 A schematic illustration of a
“quasi-equilibrium” 6’ nucleus. y,. is
the torque term associated with the
a/p’/@ triple junction.
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Since faceting can markedly reduce the volume of the
critical nucleus, it can appreciably decrease AG* [14].
Although the other variables in the general equation
for the rate of nucleation are altered by faceting, it has
been shown that the major influence of faceting upon
nucleation kinetics is through its ability to decrease
AG* [14, 15].

Finally, consider the nucleation of a third phase, 8,
at the interface between a and f’. Since the matrix and
B’ differ in composition but have the same crystal
structure and identical lattice orientations, it can be
postulated that facets will appear in both the matrix
and p’ precipitate. The two facets will be parallel, but,
in general, will truncate different portions of the
spheres of radii r and r’. The hypothetical arrange-
ment is shown in Fig. 11. For simplicity, the radius of
the p’ has been taken to be much greater than that of
the critical nucleus so that the a/f’ interface is effec-
tively planar. In addition, the energies of the inter-
faces in the [001],/[00 1], zone are taken to be con-
stant: i.e. no subsidiary minima occur in the Wulff
plot. The two spherical boundaries of the 6" nucleus
are of different radii r and »” since the energies between
the 6 nucleus and the matrix and p’ grains, y,/, and
Yeys» are likely to be different. In order to assure that
the chemical potential of both disordered boundaries
are equal

r¥ =

- (2y9’/a )/AGV (4)
and

rr = —(zvo'/ﬂ')/AGv &)
Substituting these values into the equation for free
energy of formation yields

AG* = AGH {[/W) — f(9)]
+ Gin’y/sin’y ) f) — f(D)]}
(6)

The final form of this equation suggests that this 6’
nucleus morphology provides two mechanisms for the
reduction of AG*: (a) the destruction of the f’/matrix
interface; and (b) the occurrence of planar facets.

The combined effects of these two mechanisms can
result in a significant reduction in AG* [14].

Experimentally, however, it was found in this inves-
tigation that the 6 plate-shaped precipitates have
facets which extend into the matrix but do not pen-
etrate into the B’ precipitates, at least not to any
appreciable extent that can be resolved (see Figs 3 to
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10). This suggests that the & critical nucleus does not
take the form of the predicted equilibrium shape. This
observation may be explained by the very low dif-
fusion kinetics of zirconium at the ageing temperature
of 190°C. In order for the 6 nucleus to obtain an
equilibrium shape, copper must diffuse into the
while zirconium diffuses out of the g, but, at 190°C,
the diffusivity of zirconium is very low. This “‘meta-
stable” § nucleus morphology, however, results in an
unbalance of the interfacial energy terms. The sche-
matic arrangement for this observed precipitate shape
is illustrated in Fig. 12. The energy barrier for critical
nucleus formation in this situation is

AG* = AGLLf(W") — f(9)] ™
where the angles yy” and ¢ are given by

cosy” = (Yuyp — Youp)Vosa ®

and

cos¢p = 75’/u/?0’/a )]

The ratio y§./Y¢ /. the energy of the coherent to the
semi-coherent interface, has been determined to be
1:12 for @ in binary Al-Cu [28, 29]. Thus, ¢ is
approximately 85°. In the absence of data concerning
Y 2nd Ygp, a value for y” cannot be obtained.
However, as long as " < 180°, or

Vour S Vup t Vo (10)

heterogeneous nucleation will be promoted. This
inequality is likely to be satisfied since the 8/’ inter-
face is most probably coherent while the curved 6'/a
interface will be semi-coherent.

Up to this point in the discussion, the influence of
volume strain energy on AG* has not been considered.
The general expression for the free energy change
associated with nucleation in the solid state is

AG® = V(AG, + AG,) + Ay (11)

The two terms representing the barrier to nucleation
are the misfit strain energy, AG,, per unit volume and
the interfacial free energy, y, per unit area, (V is the
volume, and A is the area of the nucleus). In the
discussion above, the interfacial free energy term
alone was considered.

The metastable § phase has a relatively low sur-
face energy but a high elastic strain energy. There-
fore, it will tend to nucleate on dislocations where it
can lower its strain energy. Since € nucleates on
dislocations, room temperature deformation after
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Figure 13 A representation of the terrace/ledge structure of a spheri-
cal f’ precipitate. For discussion, see text.

solution heat treatment and prior to ageing increases
the nucleation rate of this phase. In addition, inter-
facial dislocations surrounding f’ could be generated
by this deformation thereby creating preferential
nucleation sites.

Some discussion is necessary for the occurrence of
the semi-coherent edge of 6’ plates being in contact
with p’. This situation was observed predominantly in
the 2% Li—3% Cu alloy. Itis not likely that the above
discussion concerning interfacial energy arguments
can be applied to this case. It is postulated that one
or both of the following explanations apply: (a) 6
nucleates on an interfacial dislocation surrounding the
B’ and/or (b) 6’ impinges onto " during growth.

Finally, the assumption that the «/f" interface is
effectively planar requires consideration since the
exact nature of the «/f’ interface will determine the
structure and energy of both the 6’/” and T, /§’ inter-
faces. That the assumption is generally valid can be
shown as follows for the case of 8" nucleating on .
Consider a spherical ’ precipitate of radius R. In the
region where the local interface normal is [00 1], the
surface of the f' can be considered in terms of a
terrace/ledge structure; the terraces being parallel to
(001) (Fig. 13). If the macroscopic a/ff interface is
perfectly spherical, then the maximum radius of the
first terrace, [, is given by:

R = R-di+ P (12)

where d is the interplanar spacing of the (00 2) planes.
Expanding and rearranging yields

P = 2Rd— & (13)
Since 2Rd > 4°

[ = QRd)” (19)

Using d = 0.202nm and a typical value for R of
20 nm yields / = 2.8 nm which is likely to be compar-
able to the size of a critical nucleus. For example,
Baumann and Williams [30] have shown that for an
Al-79at % Li binary alloy the critical 6’ radius at a
temperature approximately 50° C below the &’ solvus
is 2nm. Hence, the assumption of a planar «/f’ inter-
face is justified.

5. Summary
The major findings of this investigation can be sum-
marized as follows:

1. Both # and, to a lesser extent, T, can nucleate at
the f’ (Al,Zr)/a—matrix interface.

2. In the vast majority of cases, the broad face of the
¢ and/or T, is in contact with the §'.

3. Nucleation of the plate-like phases on the f'/a
interface can be rationalized in terms of classical
nucleation theory.

4. In the case where the semi-coherent edge of the
plate-shaped precipitates is in contact with the §’, no
unambiguous evidence for the nucleation of " or T,
has been obtained.
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